The room temperature photoluminescence from Ge nanopillars has been extended from 1.6 μm to above 2.25 μm wavelength through the application of tensile stress from silicon nitride stressors deposited by inductively-coupled-plasma plasma-enhanced chemical-vapour-deposition. Photoluminescence measurements demonstrate biaxial equivalent tensile strains of up to ∼ 1.35% in square topped nanopillars with side lengths of 200 nm. Biaxial equivalent strains of 0.9% are observed in 300 nm square top pillars, confirmed by confocal Raman spectroscopy. Finite element modelling demonstrates that an all-around stressor layer is preferable to a top only stressor, as it increases the hydrostatic component of the strain, leading to an increased shift in the band-edge and improved uniformity over top-surface only stressors layers. Bridging the gap between theory and experiment," J. Appl. Phys. 79, 7148-7156 (1996).
Introduction
Germanium has received significant attention as an optical material in recent years, as it has the potential to enable active, CMOS compatible, photonics components [1, 2] . It has a direct bandgap (Γ-valley) which is only 140 meV larger than the indirect bandgap, allowing for the potential of emitters such as lasers [3, 4] and LEDs [5] , as well as waveguides [6] , photodetec-tors [7, 8] , and modulators [9, 10] , all on a Si platform. With high degenerate n-type doping the Fermi level can be moved near to the Γ-valley, resulting in either optically or electrically injected carriers having a higher probability of recombining radiatively at this band; both electrically and optically pumped Ge lasers have been demonstrated by this technique [3, 4] . The application of biaxial tensile strain in the (100) plane has been predicted, and demonstrated, to move the Γ-valley to lower energies at a greater rate than the L-valley, therefore increasing the carrier concentration at the Γ-valley, and lowering the n-type doping required for optical gain [11] . This in turn reduces the free carrier absorption and should lead to a Ge laser with a lower threshold and higher slope efficiency. Furthermore, the direct band absorption wavelength of strained Ge photodiodes can be red-shifted, either for photodetection at energies below the unstrained band-edge, or in order to have increased direct bandgap absorption at 1.55 μm, allowing for more compact devices.
Optical emission from strained Ge has been demonstrated in a number of ways, for example, with mechanically strained membranes [11] , micro-machined structures [12] , micro bridge structures [13] , and silicon nitride stressor layers applied to Ge microdisks [14, 15] and Ge waveguides [16, 17] . The use of silicon nitride as a stressor layer is especially interesting, as it is already used in CMOS processes for strained Si channels, and therefore it is of interest to investigate the limits of this approach.
This paper demonstrates photoluminescence up to 2.25 μm from 200 nm square top Ge pillars with biaxial equivalent tensile strain of ∼1.35% applied using silicon nitride stressors. Furthermore, finite element modelling demonstrates that for this pillar geometry, an all around stressor layer is preferable to a top-surface only stressor. The presence of silicon nitride on the sidewalls prevents the compression in the z-direction that is usually caused from tensile strain in the top plane, therefore increasing the hydrostatic component of the strain tensor. This has the effect of lowering the energy of the Γ-valley conduction band at a greater rate [18, 19] than pillars with only a pure biaxial strain from a top-surface stressor.
Growth and material properties
A low-energy plasma-enhanced chemical vapour deposition (LEPECVD) tool was used to grow 500 nm of n-type Ge on a 100 mm p-Si (100) wafer [20] . Hall-bar measurements at 300 K were used to confirm the active, in-situ, phosphorus degenerate doping density of N D ∼ 2.5 × 10 19 cm −3 . No cycling annealing was performed on the material, in order to avoid dopant clustering and out-diffusion [21] , which in conjunction with the low growth temperature of 500 • C, results in low levels of tensile strain from the thermal mismatch between Ge and Si. Raman spectroscopy measurements confirm that the strain in the Ge epilayer is negligible.
The degenerate n-type doping of N D ∼ 2.5 × 10 19 cm −3 leads to a bandgap narrowing (BGN) of ∼32 meV corresponding to a redshift of ∼ 64 nm from 1.55 μm, as measured by photoluminescence. This is consistent with the findings of Camacho-Aguilera et al. in [22] , when taking into account that their model includes a small amount of strain from growth, which is not present in the material used in this publication. Given the lack of data in the literature regarding BGN from doping at high strain levels, in this work it has been assumed to be a constant energy reduction over all strain levels measured.
Fabrication
Separate 1 × 1 mm sized arrays of 300 × 300 and 200 × 200 nm squares were patterned in hydrogen silsesquioxane (HSQ) resist using a Vistec VB6 electron beam lithography tool. After development in tetramethylammonium hydroxide (TMAH), the samples were etched in a mixed SF 6 and C 4 F 8 recipe [23] , through the Ge epilayer to the Si substrate, leaving ∼ 560 nm tall pillars, as measured by scanning electron microscopy (SEM), Fig. 1 . Both 300 and 200 nm squares were patterned with 200 nm gaps. This gives a dense pattern to maximize signal intensity, while leaving sufficient space for lateral increase in pillar width following the silicon nitride stressor layers deposition. High stress silicon nitride layers were deposited using an Oxford Instruments PlasmaPro System 100 ICP tool. The radius of curvature of a 100 mm (100) Si wafer is measured, using a surface profiler, before and after the deposition of a high stress silicon nitride layer. This allows the stress of the film to be calculated using Stoney's equation (Eq. (1)), where E s is the Young's modulus of the substrate, t s is the substrate thickness, t f is the film thickness, ν is Poisson's ratio for the substrate, and R pre and R post are the pre deposition and post deposition radii of curvature respectively. The silicon nitride film thickness was measured by selectively stripping the film, allowing for the step-height to be measured with a surface profiler. Film thickness measurements were further confirmed by ellipsometry. An increase in the stress of the film was observed with increasing platen power in the deposition tool.
Three samples containing 300 nm and 200 nm square pillar arrays were deposited with silicon nitride layers of three different levels of stress. A silicon nitride layer with negligible stress was deposited on the reference sample, while the other two samples were coated with high stress layers. The two high stress layers were measured to have compressive stresses of 1.9 GPa, and 2.7 GPa respectively. The compressive stress in the film transfers tensile strain to the underlying feature when it relaxes. All film thicknesses were ∼ 150 nm as measured by ellipsometery on the sample edge.
Optical characterisation
A Bruker Vertex 70 Fourier Transform Infrared Spectroscopy (FTIR) system was used to measure the photoluminescence of the Ge nanopillar samples, with a diode pumped continuous wave (cw) solid state laser emitting at 532 nm used to optically pump the samples. The FTIR system was operated in step-scan mode, using a 1 kHz optical chopper and a lock-in amplifier to discriminate against ambient blackbody heating. The laser illuminates the sample through an aperture in a parabolic mirror. The sample emission is then collected by this mirror, which couples the emission into the internal Michelson interferometer of the FTIR system. The sample emission collected is therefore surface normal, which has implications for the interband transitions that can be measured due to selection rules; this is discussed further below. When pumping significantly above the band-edge in energy, even at low power densities, heating can be observed in the form of blackbody emission.
After the ambient blackbody is removed by the step-scan measurement, a visible tail is left, which is the differential blackbody emission caused by this heating. The pump power was varied with neutral density filters to confirm that this heating was not sufficient to redshift the emission, which is to be expected for such low pump power densities (∼ 30 W cm −2 ). In order to improve the signal to noise ratio, multiple step-scan measurements were run and subsequently averaged, for each measurement.
An advantage of using a reference sample with a silicon nitride coating is that any effects from the periodicity of the array including the presence of the silicon nitride would be visible in the unstrained sample. In order to confirm there were no such optical effects, the sample stage was tilted at various angles between 0 and ∼ 50 • away from surface normal in order to verify that there was no change to the measured spectra from diffraction. These considerations allow spectral peaks to be uniquely identified as interband transitions in the work reported below. In all strained samples, the emission wavelength was found to redshift, as expected. The 300 nm pillars with 2.7 GPa stressors, demonstrate a peak at ∼1.98 μm, assumed to be the Γ-valley to light-hole (LH) emission. Accounting for bandgap narrowing of 32 meV, this would suggest biaxial equivalent strain levels of approximately 0.9 % from deformation potentials [11] . Complex carrier diffusion mechanisms within a single pillar makes it difficult to estimate which area of the pillar the photoluminescence predominantly stems from. The 532 nm pump is likely to be absorbed within the first 20 nm of the surface, however as discussed by Pezzoli et al. in [24] , in unstrained Ge pillars, carriers will diffuse throughout the full structure under steady state illumination, particularly with the high recombination velocities towards threading dislocations. Broad emission spectra from the 300 nm, with a small shoulder at ∼ 1.6 μm, suggests that there is photoluminescence from the full pillar, however with enhanced radiative recombinations from the highest strained regions. Consistent with common deformation potentials [18, 11, 25] , the L-valley to heavy-hole (HH) emission appears relatively constant, at just above 1.8 μm as demonstrated in Fig. 2 . Further to the peak visible at ∼ 1.98 μm, the broad emission at longer wavelength is likely to be from L to LH transitions.
For the 200 nm pillars, the photoluminescence was found to be significantly reduced in intensity compared to the 300 nm pillars. This can be explained by the reduction in fill factor compared to the 300 nm pillars, as well as increased surface area per volume of Ge and therefore increased surface non-radiative recombination. In this instance, the photoluminescence from interband recombination from the reference sample is of a similar intensity to the differential blackbody heating, which is visible in Fig. 2 . Despite a reduced emission intensity, however, a red-shift can also be observed with increased stress in the silicon nitride layers. For the highest levels of stress, emission at a peak wavelength of ∼ 2.25 μm is visible. When accounting for bandgap narrowing and assuming Γ to LH emission, this relates to a biaxial equivalent tensile strain of up to ∼ 1.35%. Once again, indirect transitions may contribute to emission. As expected, strain appeared to increase in smaller samples for a given stressor layer, as the stress in the film can transfer more fully into the underlying structure. Increased strain in smaller structures has indeed been reported elsewhere [17] . As discussed previously, with carrier diffusion throughout the structure, the larger total shift of the spectra, compared to the broadening seen with the 300 nm pillars could be a hallmark of more uniform strain. Strained emission from these samples is more highly red shifted than previous reports using silicon nitride stressor layers [14] [15] [16] [17] .
Particularly for the 300 nm pillars, no increase in emission intensity was observed, at variance to various other works [13, 16, 17] . This is attributed in part to the polarization of the Γ-valley to LH transition. At 0.9% biaxial strain emission from this transition is highly polarized parallel to the pillar axis (in-plane TM-component), which our experimental set-up is weakly sensitive to. The predominance of such polarization in highly strained Ge has indeed been reported by Nam et al. in [26] . Scattering processes, however, do make it conceivable that Γ to LH emission is observable with surface normal collection, compounded by the fact that stressors are expected to increase the non-parabolicity of the HH and LH bands, which is known to relax the polarization selection rules [27, 28] . The apparent decrease in intensity from the 300 nm pillars with 1.9 GPa stressors, to the 300 nm pillars with 2.7 GPa stressors, can be partly explained by considering the interband transitions that contribute to the PL. In the 1.9 GPa stressor sample, the peak at 1.8 μm is likely contributed to by direct and indirect transitions. In contrast, at higher levels of strain, the Γ to LH transition has moved to longer wavelengths, and therefore no longer contribute to emission around 1.8 μm. However, when looking at the total integrated intensity of this emission, this difference would not appear to be so significant. This is further complicated by the above arguments regarding polarization of this transition at different strain levels [26] . As discussed previously with regard to the 200 nm pillars, the more total shift of the spectra suggests more uniform strain. Thus, a larger volume of the pillar is contributing to the emission at longer wavelengths, and could account for the small intensity increase despite the polarization considerations. However, there is still difficulty in formally analyzing the intensity of the strained samples emission for these geometries, as the addition of silicon nitride stressor layer alters the amount of reflected pump power, as well as the proportion of out-coupled light from the nano-structures, and also, some of the TM polarized light may be reabsorbed by adjacent pillars before it can be scattered out to the surface normal direction. No attempt has therefore been made to quantitatively compare the relative intensities of the strained emission, which would only be practical when measuring a single pillar, and collecting emission from various polarizations.
Raman spectroscopy
Raman measurements were undertaken with a WITec Alpha 300 RAS confocal microscope using an excitation wavelength of 532 nm. Individual 300 nm pillar structures could clearly be resolved by both the signal intensity and by the relative Raman shift, which varied from the pillar tops to the gaps between the pillars. Strain values were approximated using values of the phonon deformation potentials [29] , which lead to a biaxial strain shift coefficient of b bi = -424 cm −1 . The measurement was carried out at low powers (<2 mW before the 100 x NA 0.9 objective) and comparatively long integration times of 0.5 s per spectrum, due to the sensitivity of the pillars to laser heating from the focused spot. In the backscatter geometry with (100) Ge, only the longitudinal optical (LO) phonon should be measured and should be independent of the polarization of the source [30] . 300 nm pillars showed clear single peaks, however Raman spectra from the 200 nm pillars could not be fitted with a single Lorentzian. This is likely due to the spatial resolution of the system, and the low signal to noise ratios observed for this measurement. For the system used, the resolution was proven to be at the level of the FWHM of the airy disk (FWHM Airy = 0.51*λ /NA = 301 nm). Given the 200 nm pillars have 200 nm gaps there are many positions where both the top of the pillar and the sides are simultaneously recorded which could potentially explain these results. Also, due to the height of the pillars (∼560nm) compared to the depth resolution of the confocal Raman system used (FWHM ∼750nm) it is feasible to assume, that both the top of the pillars and the valleys were in focus. Due to these factors, the Raman measurements from the 200 nm pillars will no longer be discussed.
The Raman measurements on the 300 nm pillars demonstrated finite variation from pillar to pillar, which further explains the broadness of the emission in the photoluminescence. It is likely, however, that the pillars with the highest strain levels would have increased radiative efficiencies and as a result it is not surprising that clear peaks are still discernible in the photoluminescence. Raman maps were examined, and spectra were extracted from pillars demonstrating the highest strain in the measurement area. Once fitted with a single Lorentzian, a peak position at 296.3 cm −1 was found as demonstrated in Fig. 3 . This corresponds to a biaxial tensile strain of 0.91% from phonon deformation potentials, and is therefore in excellent agreement with the strain estimated from the peak position of the PL using deformation potentials [11] .
While assumptions of biaxial strain for the deformation potentials and the Raman shift appeared to be extremely consistent, any deviation from purely biaxial strain has the potential to introduce significant error to the assumed level of strain, which can be seen by the dependance of the Raman line on all three components of the tensor trace, Eq. (2). Therefore, modelling of the strain distribution is required, which is discussed in the follow section.
Modelling
Finite element modelling software (Comsol Multiphysics) was used to simulate the strain distribution in a 300 nm Ge nanopillar. Ge pillars were modelled using an anisotropic elasticity tensor, with the [100] crystallographic direction aligned to the x-direction in the model. Silicon nitride layers were pre-stressed with the experimentally measured value of stress from the curvature measurements. A cross sectional transmission electron microscopy (TEM) image of 300 nm pillars was used to measure the ratio of the silicon nitride on the pillar top to the pillar sides which was found to be around ∼ 3:1, and was taken into account in the model. Certain parameters such as the Young's modulus of the silicon nitride have been not been measured, and therefore the model is primarily used to understand the strain distribution rather than confirm the absolute measured value. A Young's modulus of 100 GPa was used, in keeping with modelling by Ghrib et al. in [16] using high stress silicon nitride layers. On the top surface, the pillar centres are biaxially strained with ε xx = ε yy = 0.68 %. This underestimates the strain when assuming a biaxial model with the assumption that:
It was found, however, that the presence of the silicon nitride on the sidewalls counteracts the compression in the z-direction from Eq. (5), i.e. ε zz >−2
ε bi . As a result, the model demonstrates that an all around silicon nitride stressor in this instance increases the hydrostatic component of the strain, which from deformation potential theory, is known to move the bands at a greater rate than purely biaxial strain.
When directly using the values of ε xx , ε yy , and ε zz from the model, and calculating the Raman line using Eq. (2), a Raman line of 296.56 cm −1 is calculated at the pillar top (Fig. 4) when taking into account the weighted contribution over the absorption depth of the 532 nm source, using the correction presented by Wolf et al. in [31] . This is in good agreement with the measured Raman line of 296.3 cm −1 . Furthermore, using these tensor components and calculating the band edges using deformation potentials, the Γ-valley to LH emission is calculated to be 1.96 μm, after correcting for 32 meV BGN from degenerate doping. This is again in excellent agreement with the emission observed at ∼ 1.98 μm.
As stated previously, the model was not intended to confirm the level of strain, however, the nature of the strain distribution would appear to be consistent with the experimental results. Fig. 4 demonstrates the calculated difference between a top-surface only stressor and an all around stressor layer -highlighting the impact of the sidewall stressors. This difference is demonstrated in the form of the calculated Raman line, as well as the Γ to LH transition and the Fig. 4 . Calculated comparisons between 300 nm square top Ge pillars with; an all around 2.7 GPa silicon nitride stressor layer, and a top only 2.7 GPa silicon nitride stressor layer. All calculations are from a line segment through the centre of the pillar, as shown in the illustration at the inset of the bottom left plot. Top Left: Calculated ε xx (= ε yy ) and ε zz . Top right: Calculated Γ to LH emission wavelength using deformation potentials. Bottom Right: Calculated difference between the Γ and L valleys, demonstrating that the addition of silicon nitride on the pillar sidewalls produces a significant decrease in the energy difference between the valleys, and is therefore closer to direct bandgap than with a top stressor. Bottom left: The calculated Raman line using Eq. (2), and an illustration indicating the line segment (in the z direction) down which the calculations were performed.
Γ to L energy difference. The Γ to LH transition includes the 32 meV BGN from degenerate n-type doping. It is clear from Fig. 4 that not only does the presence of the silicon nitride on the sidewalls significantly decrease the energy difference between the Γ and the L valleys, but also there is a visibly reduced gradient in the vertical direction down the pillar.
While the strain levels have been compared to their biaxial equivalents in terms of Γ to LH emission, it is worth noting that an increased hydrostatic component of the strain causes a difference in the band structure when compared to purely biaxial. For instance, comparing the modelled strain at the top plane of a 300 nm pillar with ε xx = ε yy = 0.68 %, and ε zz = -0.15 %, to a biaxial strain of 0.9 %, both have Γ to LH bandgaps of 667 meV. However, in the pillar geometry the Γ to L difference is 69 meV compared to 79.8 meV with biaxial strain, i.e. the pillar is closer to direct bandgap. This is significantly advantageous because the required doping to move the Fermi level to the Γ is reduced compared to biaxial strain. A further difference is due to the fact the increased hydrostatic component maintains more of the unstrained crystal
